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The deformation behaviour of amorphous poly(aryl ether ether ketone) films above the glass transition
temperature is studied by analysing the amorphous orientation function and shrinkage stress variations
versus draw ratio in the framework of the two component model of Brown and Windle which considers
separate orientational and extensional contributions to the overall strain. This analysis is in line with our
previous conclusion of the existence of two regimes dominated by orientation of rigid structural units and
extension of the chains before and after the threshold of the strain-induced crystallization, respectively. Also
supported is the disentanglement trend of the chains prior to the crystallization which brings about a
physical crosslinking effect to the macromolecular network. The identification of the rigid structural unit
with a single monomer unit is remarkably consistent with our previous determination of the size of the
random link. The study of isothermally-crystallized samples supports the conclusion about the efficiency of
the crystallites for preventing chain slippage. The estimation of the molecular weight between entanglements
as a function of draw ratio for both amorphous and crystallized samples suggests that the physical
crosslinking effect of the crystallites is much more efficient than the intertwining of the chains. Copyright
© 1996 Elsevier Science Ltd.

(Keywords: poly(aryl ether ether ketone); orientation; shrinkage stress)

INTRODUCTION flexible chain polymers. Some refinements have been
brought about in order to 5provide better fit of the
predicted orientation—strain®® and stress-strain®’ vari-
ations with the experimental data. On the other hand, the
pseudo-affine deformation scheme based on the aggre-
gate model® assumes that the polymer consists of rigid
units embedded in a continuum, each of the units being
able to rotate without change of length. This latter
scheme dealing only with the orientation—strain behav-
iour is generally more appropriate for semi-crystalline
polymers which usually develop strong orientation at
low strains.

Poly(aryl ether ether ketone) (PEEK) has received
increasing attention in recent years because of its high
performance properties and its capability for processing
as a thermoplastic composite matrix. Some investiga-
tions dealing with the molecular orientation of drawn
PEEK have been reported. Birefringence versus draw
ratio measurements from various sources exhibit some
discrepancies about the fine features of the variation and
the maximum attainable birefringence’ ''. Serious dis-
agreement has appeared as concerns the determination
of crystal orientation from X-ray diffraction data'>'
* To whom correspondence should be addressed because of the amorphous scattering that overlaps the

The study of the orientational behaviour of semi-
crystalline polymers upon drawing is a step of prime
importance in the knowledge of the mechanical proper-
ties from which the processing conditions can be set up to
impart well-determined use properties. A number of
methods have been developed to assess separately the
crystalline and the amorphous chain orientations!?.
Comparison of data from several techniques is often
required for better confidence.

Modelling the deformation behaviour is particularly
helpful for understanding the mechanism of chain
unfolding and orientation and the accompanying
improvement of the mechanical properties of drawn
polymers. Two main models have been developed to
describe the deformation of polymer networks in the
rubbery state. On the one hand, the affine deformation
scheme based on the statistical mechanics of non-
gaussian chain molecules®* is likely to account for the
strain-hardening effect due to the limited extension of the
network in crosslinked rubbers as well as semi-crystalline
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crystalline reflections. Infrared d1chrorsm measurements
have been also a matter of controversy ° because
of the uncertainty in the assignment of some of the
absorption bands.

Ohkoshi et al.'® have previously confronted the
birefringence versus strain data in the range of draw
ratios 1 < A < 6 with the two most current models for
polymer network deformation. They concluded that the
affine deformation scheme provides a good fit for draw
ratios X < 2, while the pseudo affine scheme is better
obeyed for draw ratios A > 2, i.e. beyond the onset of the
strain-induced crystallization. Voice et al."* have shown,
on the other hand, that the overall orientation function
assessed from refractive index measurements in the range
of draw ratios 1 < A\ < 3.5 is rather approximated by a
pseudo-affine model.

In our previous paper'' concerned with the tensile
drawing of PEEK, we paid particular attention to the
experimental study of the orientation and stress varia-
tions with strain above the glass transition and put
forward a molecular mechanism for these variations in
relation to the strain-induced crystallization effect. The
birefringence, infrared dichroism and shrinkage stress
data were analysed in the framework of rubber elasticity
at low strains in order to characterize the molecular
parameters of the network. It was thus shown that the
molecular weight between entangiements is about 3000
and the length of the random link about 1.8 nm. The very
low shrinkage stress level at draw ratio below the
threshold of the strain-induced crystallization was
consistent with a weakly entangled network (i.e. three
entanglements per chain on average) that was prone to
disentangle under loading. Besides, the birefringence
versus shrinkage stress plot disclosed an orientation-
dominated regime at low strains followed by a defor-
mation-dominated regime after the onset of the
strain-induced crystallization due to the incipient
physical crosslinking effect of the crystallites.

The present paper reports on modelling the defor-
mation behaviour of amorphous PEEK under tensile
drawing, using the orientation—strain and stress—strain
data of the first paper of the series. Considering that the
sole orientation function determination is in fact unable
to account for the mechanical properties of drawn
polymers, we have focused on the sophisticated model
of Brown and Windie®®?! which can predict both
orientation—strain and stress‘strain relationships. In
addition, this model affords a quite subtle combination
of the two previously quoted approaches since it
considers two independent contributions to the strain,
namely the extension of the chains and the orientation of
the rigid structural units in the chains. Isothermally-
crystallized PEEK has been also analysed for the sake of
comparison.

EXPERIMENTAL

The material studied was an amorphous film of Stabar
K200 from ICI having a thickness of about 50 zm. It was
perfectly isotropic as judged from the absence of both
measurable birefringence and dimensional shrinkage
above the glass transition temperature. Its number
average molecular weight estimated from the glass
transition and the cold crystallization peak temperatures
was M, ~ 13000"". Semi-crystalline samples having a
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nominal crystal weight fraction of 29% were prepared
by isothermal treatment of amorphous sheets at 170°C
for 1 h.

Birefringence, infrared dichroism and shrrnkage stress
data were taken from the previous paper in the case of
amorphous PEEK which was drawn at 160°C. Addi-
tional birefringence and infrared dichroism data for
semi-crystalline PEEK have been provided according to
the procedures described previously, the drawing experi-
ments being performed at 185°C. Shrinkage experiments
could not be performed with semi-crystalline PEEK
because systematic necking of the samples upon drawing
prohibits preparation of sufficiently long test pieces with
homogeneous draw ratios.

The crystalline orientation function, f., was deter-
mined from infrared dichroism measurements on the
965cm™"' vibration band. The amorphous orientation
function, f;, was derived from the equation

An = fi X Ang + £,(1 = Xo)Ang (1)

using AnS = 0.38 and An? = 0.31'". The crystal weight
fraction, X, has been assessed from differential scanning
calorimetry, assuming a melting enthalpy of perfectly
crystalline PEEK of AH; = 1307 g ! (ref. 22).

THE MODEL

The model of Brown and Windle (B-W)*?' is an
attempt to combine the affine and pseudo-affine
approaches to the deformation of polymers which
have been developed to account for chain-extension-
dominated and segment-orientation-dominated defor-
mation modes, respectively. Indeed, it deals with the
prediction of stress—strain—orientation relationships in
rubber networks by taking separately into consideration
segment orientation and chain extension effects. It is
assumed that the chains are composed of mobile rigid
units idealized as prolate ellipsoids of revolution free
to undergo independent orientational and extensional
motions. However, these structural units are subject to
constraints arising from both intramolecular (covalent
bonding of the structural units along the chain back-
bone) and intermolecular (chain entanglements) sources
such that, in practice, the two kinds of motions take
effect simultaneously and cooperatively.

The model relies on the separation of the overall strain
or draw ratio, )\, into an orientational strain, \,, and an
extensional strain, A, such that

A=A X Ao ()

The calculations of the work involved in the dimensional
changes due to both rotation and displacement of the
rigid structural units under stress are based on the
assumption of Boltzmann distributions of the units in
orientation and position with respect to the tensile axis.

Two structural parameters are introduced. The ‘form’
parameter, m, which is the reciprocal aspect ratio of the
rigid structural units is used to account for their
orientational behaviour. It is given by

I/m=1/a and m*=1-é (3)

where [ and a are, respectively, the long and the short axis
of the ellipsoid of revolution, and e its eccentricity. The
‘constraint’ parameter, K, represents the intermolecular



and intramolecular interactions limiting the chain exten-
sion. It is defined as

I/K=N*/N, with K=" (4)

where N, is the total number of structural units, N * the
number of completely constrained structural units, and
AP is the maximum value of the extensional strain. It
has been shown that K can be related to the density of
chain entanglements through the following simple
relationship?!

(2/Ny)*?

%

where N, is the number per unit volume of chain
segments connected with entanglements (N,/2 being the
number of entanglements per unit volume) and A4, is the
mean cross-sectional area per chain at Zero strain. At a
first approximation, this latter is given by

Ao = 25/ (6)

a being the packing density and S the cross-sectional
area of a chain perpendicular to its axis. The molecular
weight of the chain segments between two successive
entanglements in the rubbery amorphous phase is then
given by

K= (5)

Me :paNa/Ns (7)

In the present case of PEEK, an estimation of the
packing density of the amorphous phase, o, = 0.65 +
0.01, can be assessed in consideration of the crystal
packing density (o, = 0.71 £0.01) computed from the
unit cell volume?*?* and the van der Waals molecular
volume,? and the specific gravity ratio of the crystal and
the amorphous phase p./p. = 1.09 (ref. 23). Besides, the
cross-sectional area of a chain perpendicular to its axis
can be approximated by

S=V/L with V=M/pN, (8)

where V', L and M are the volume, the extended length
and the molar weight of the repeat unit (Figure I),
respectively, and N, is the Avogadro number For
PEEK L=1 50 & 0.01 nm***, M =288 gmol™' and

An important point of the model is that the variation
with stress of second moment of the orientation
distribution function, {P,), otherwise Hermann’s orien-
tation function, f, depends only on the aspect ratio of the
rigid structural units. It is worth noting that this is
analogous to the stress optical coefficient dependence on
the statlstlcal segment length in the affine deformation
theory . On the other hand, the stress variation with the
overall strain depends on both the aspect ratio and the
constraint parameter.

The method for deriving the maximum orientational
strain together with the aspect ratio of the structural
units is briefly described in the Appendix, the whole
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Figure 1 Molecular repeat unit of PEEK in its extended conformation
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procedure being given in the second paper by Brown and
Windle?!

The <P2) versus A and o versus A experimental curves
have been compared with the theoretical predictions
involving a unique value of the aspect ratio obtained
from the procedure descrlbed It has been emphasized by
Brown and Windle®! that ‘the model, as it stands, makes
no allowance for the pulling out of entanglements’ so
that the K parameter should also be a constant.
Nevertheless, a series of theoretical curves with various
values of K have been drawn for comparison with the
experimental data, the reason for this being that the
entangled chain network can be assumed transient «
priori because it does not involve chemical crosslinking.
It is our belief that a departure from the model may be
interpreted as a change in the entanglement density of the
physical network upon straining as far as the model
works fairly well under conditions which prevent
disentanglement.

RESULTS AND DISCUSSION
Amorphous PEEK

The determination of the aspect ratio of the rigid
structural units from the initial slope of the (P,) versus A
experimental curve according to the method described in
the Appendix leads to a value 1/m = 3.1. This indicates
that the structural units consist approximately of a single
monomer unit which is indeed one phenyl wide and three
phenyl long (see Figure 1). A quite favourable compar-
ison can be made with the size of the random link
previously determined from an independent measure-
ment of the stress-optical coefficient in the strain range
beyond the strain-induced crystallization threshold in the
framework of the affine theory of rubber elasticity, and
owing to the knowledge of the optical anisotropy of the
monomer unit''. As a matter of fact, these two structural
parameters are necessarily connected since they both
relate to the stiffness of the chains.

The overall birefringence variation reported in our
previous study could be correctly predicted neither by the
affine deformation model nor by the pseudo-affine one
over the whole range of draw ratio. The same comment is
applicable to the variation with draw ratio of the
amorphous orientation function, f, shown in Figure 2.

o
o

Amorphous orientation function,fq

(@]

Draw ratio,x

Figure 2 Amorphous orientation function data versus draw ratio for
initially amorphous PEEK compared with the predictions from the
Brown and Windle model using various values of K and assuming
1/m=231
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Figure 3 Variation with draw ratio of the molecular weight between
entanglements, M., assessed from the Brown and Windle model using
the orientation function data of Figure 2

The theoretical predictions from the B-W model are
drawn for various values of the K parameter, assuming
1/m = 3.1 as determined above. At small strains, the
smoothed curve from the experimental data cuts the
theoretical curves corresponding to increasing values of
K. This suggests slippage and disentanglement of the
chains in a very slightly intertwined rubber network. But
at the early stage of the strain-induced crystallization‘ L
ie. 1.6 < A < 1.8, the smoothed curve from the experi-
mental data displays a higher slope than the theoretical
curves, then roughly follows the curves of nearly
constant K ~ 1.8-2.0 in the strain range 1.9 < A < 2.8,
The build-up of crystallites gradually brings about new
physical crosslinks due to the anchoring of the amor-
phous chain portions onto the surface of the crystallites
which prevent further disentanglement of the chains. For
A > 2.8 up to rupture, the decrease of the f, versus A
slope is associated with a decrease of the K parameter
which is relevant to a reduction of the effective density of
entanglements including the physical crosslinks of the
crystallites. Indeed, at the relatively high temperature of
the experiments, i.e. 160°C, the ductility of the crystal-
lites may allow the pulling out of chains under high
stress, notably the numerous chain ends.

The molecular weight between entanglements com-
puted according to equation (7) from the experimental
data of the amorphous orientation function of Figure 2 s
plotted in Figure 3 as a function of the draw ratio. The
extrapolated value M. ~ 1000 at A = 1 is significantly
lower than the previous determination from the classical
theory of rubber elasticity at low strains'', namely
M, = 3000*, which is close to that reported for bisphenol
A polycarbonate and poly(2,6-dimethyl-1,4-phenylene
oxide), two structural homologues of PEEK?. However,
it is noteworthy that copolymers of bisphenol A
carbonate with terephthalate or isophthalate esters
have significantly lower M, values?’. So, taking into

*The value of the molar weight between entanglements reported in
the former paper]I is a misprint. It should read M, = 3000 instead of
2000
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Figure 4 True stress data versus draw ratio for initially amorphous
PEEK compared with the predictions from the model of Brown and
Windle using various values of K and assuming ! /m = 3.1

account the numerous approximations involved in the
calculations, the two determinations can be considered
as the same order of magnitude.

Notwithstanding this disagreement, the increase of M,
by about 10 times in the range 1 < A < 1.6 (Figure 3)
suggests that most of the short chains have been
completely disentangled due to chain slippage. This
statement is well supported by the maximum value of
M. ~ 9000 which is only slightly lower than the number
average molecular weight, indicating that there are few
remaining entanglements at A~ 1.6. The subsequent
drop to a roughly constant value M, =~ 2000 £ 200 in the
intermediate draw ratio range, 1.9 < A < 2.8, where the
strain-induced crystallization takes place gives a quan-
titative indication of the physical crosslinking effect of
the crystallites. All this is perfectly consistent with the
qualitative conclusions of our previous study.

The variation of the true stress as a function of draw
ratio is shown in Figure 4. Predictions from the B-W
model are drawn for various values of the K parameter,
assuming 1/m = 3.1. At low strains, the experimental
data fall well below the curves predicted for the same
values of K that fit the orientation function data of
Figure 2. This suggests that the actual strain experienced
by the chains is far below the draw ratio measured
macroscopically. In other words, the strain due to chain
slippage is large compared with the strain resulting from
chain extension, both strains being gathered in the
measured overall strain or draw ratio together with the
orientational strain. However, as soon as the strain-
induced crystallization takes place, the stress displays a
drastic increase which follows a theoretical curve of a



n=4 6 8 10 12 14
4

}_

40 o
o F
Qa.
Z r ‘ )
- ] ‘
& \
2 |
@ i 1

30 | o
029
g’ F o
K4
£
£
w

Draw ratio, A

Figure 5 True stress data of Figure 3 compared with the predictions
from the affine non-gaussian deformation model using various values
of N

fairly constant value of K = 1.8-2.0 which is remarkably
consistent with the one that fits the amorphous orien-
tation function in the same strain range (Figure 2). For
A > 2.8, the departure of the experimental data from the
theoretical curves predicting a steady high slope confirm
the gradual decay of the entanglement effect of the
crystallites before rupture.

It is worth noting that the true stress data of Figure 4
displays a much more important departure from the
predicted curves at low strains than the orientation
function data of Figure 2. This means that the
disentanglement of the chains that occurs at the
beginning of straining is much more detrimental for
chain extension than for chain orientation.

For the sake of comparison, the data of Figure 4 are
redrawn in Figure 5 together with theoretical curves
predicted from the affine non-gaussian deformation
model according to the relationship®

_NGKT i A 32y -1 1
A T G Ve R W Ve e
(9)

where N, is the number per unit volume of chain
segments connected with entanglements as already
defined in equation (5), n is the length of these chain
segments expressed as the number of random links
between entanglements and L' is the inverse Langevin
function. Although somewhat different from the B-W
predictions, the latter ones suggest the same trend, the
experimental data in the low strain range being indeed
significantly lower than the theoretical curve of nearly
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Figure 6 Variation with the overall strain, A, of the orientational
strain, A, (O) and the extensional strain, A, (@), for initially amorphous
PEEK

constant n value that fits the intermediate strain range
after the onset of the strain-induced crystallization. In
this strain range, the molecular weight between entangle-
ments, M, ~ 2000 £ 300 calculated from n=7%1
(Figure 5) and taking into account that the random
link is composed of a single monomer unit'!, is perfectly
consistent with the value derived from K of the B-W
model, from both orientation and stress data.

The variations with the overall strain or draw ratio of
the orientational and extensional strains, A, and A,
respectively, are shown in Figure 6 (see Appendix,
equations (A2) and (A3)). The first observation is that
A 18 always greater than )\, This result is quite surprising
and seems to contradict the conclusion from our
previous study'! that the early stage of the deformation
is orientation dominated. In fact, the orientational
strain which mainly depends on the chain stiffness (see
Appendix, the unique relationship (equation (A6))
between the aspect ratio and A5®*) is much more limited
than the extensional strain. This is clearly depicted in
Figure 7 which shows schematically the maximum strain
that a polymer coil can reach through either orientation
of the structural units alone or extension of the chains
without orientation of the structural units. In the case of
PEEK, the maximum value of the orientational strain is
AP = 1.66 according to the method described in the
Appendix, using the aspect ratio 1 /m = 3.1. The second
observation is that, from the onset of the strain-induced
crystallization at A &~ 1.8, the slope of the variation with
the overall strain of A, undergoes a sudden increase while
that of A, displays a striking decrease. The reason is that
the growth of crystallites which work as crosslink points
in the physical network reduces the apparent chain
extension by preventing the chain slippage contribution
to A, and per contra improves the orientation trend of the
structural units. In fact, although the two contributions
have been treated independently in the model, they
obviously take place cooperatively. It is worth noting
that the general trend of the A, variation (Figure 6)
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Figure 7 Molecular sketch showing the separate development of (a)
the orientational strain and (b) the extensional strain of a single coil in
a polymer network under uniaxial tensile deformation, and (c) the
resulting overall strain®

follows remarkably the f, variation shown in Figure 2.
The limiting value at rupture A, = 1.6 approaches
logically the theoretical value AJ** = 1.66 assessed
previously from the model for a structural unit having
an aspect ratio 1/m = 3.1. But this result has relevance
only through the unusually high value of the limiting
amorphous orientation function f,"** ~ 0.8 and A~ 4
(see Figure 2), since Ag™* assumes a perfect orientation of
the chain segments. In this connection, the negatlve
thermal expan51v1ty coefficient reported by Choy et al.’
and Lee ez al."” for PEEK sheets and rods of draw ratios
X = 4-5is also relevant to a high degree of orientation in
both the amorphous phase and the crystal.

The above discussion strongly suggests that crystal-
lization is orientation-induced rather than strain-
induced. In this connection, it has been shown clearly
in the case of poly(ethylene terephthalate) that the main
factor which controls the crystallization kinetics under
straining at temperatures well below the temperature
range of thermal crystallization is the amorphous
orientation function®®?®, Besides, it is worth mentioning
that, dealing with the crystallization under strain,
amorphous PEEK is more similar to poly(ethylene
terephthalate) and poly(ethylene naphthalate) than to
its structural relatives bisphenol A polycarbonate and
poly(2,6-dimethyl-1,4-phenylene oxide) despite the fact
that it is closer to the last two polymers as concerns
the glass transition temperature. Although potentially
crystallizable, these two polymers have stronger steric
hindrance than PEEK due to substitution groups that
considerably slow down the crystallization kinetics.

The disentanglement of the chains is likely to be due to
the low number average molecular weight of the chains
which allows little intertwining of the chains and
therefore makes chain slippage an easy process. In this
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Figure 8 Amorphous orientation function data versus draw ratio for
isothermally-crystallized PEEK compared with the predictions from
the model of Brown and Windle using various values of K and
assuming 1/m = 3.1

connection, it has been shown that low molecular weight
amorphous poly(ethylene terephthalate) as well as
poly(ethylene naphthalate)*!? are strongly prone to
chain disentanglement when drawn a few degrees above
the glass transition temperature. However, the process
hardly occurs for poly(ethylene terephthalate) of mole-
cular weight higher than 25000 which contains more
than 10 entanglements per chain

Isothermally-crystallized PEEK

The change of temperature for the drawing of semi-
crystalline PEEK compared with amorphous PEEK, i.e.
185°C instead of 160°C, is of little importance in the
determination of the key parameters of the deformation
from the procedure described in the Appendix, namely
m, K and \J*.

The aspect ratio estimated from the initial slope of the
(P,) versus A experimental curve, 1/m = 3.1, is in very
good agreement with that found for the amorphous
PEEK. This result is quite logical since the aspect ratio of
the rigid structural unit must be an intrinsic property of
the chain which only depends on its chemical nature.

The variation with draw ratio of the amorphous
orientation function is shown in Figure 8. Predictions
from the B~W model are drawn for various values of the
K parameter, assuming 1 /m = 3.1 as determined above.
In the strain range 1 < A < 2.5, the smoothed experi-
mental f, versus A curve falls fairly well between the
theoretical curves predicted for K =1.6-1.8, but a
significant divergence appears for A > 2.5. Compared
with the previous case of amorphous PEEK, this result is
a clear indication of the efficiency of the pre-existing
crystallites for preventing chain slippage at low mod-
erator stress. The molecular weight between entangle-
ments computed for every experimental data point of
Figure 8 is plotted in Figure 9 as a function of the draw
ratio. The average M, value hardly changes in the strain
range 1 < A < 2.5 indicating that little change occurs in
the entanglement density including the crystallite physi-
cal crosslinks, in spite of the large plastic deformation of
the crystallites. Comparison with amorphous PEEK
(Figure 3) shows that the entanglement density is very
close for both materials in the strain range A > 1.9. This
strongly suggests that physical crosslinking is more
efficient than chain entanglements and that the loss of
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Figure 9 Variation with draw ratio of the molecular weight between
entanglements, M,. for isothermally-crystallized PEEK
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Figure 10 Variation with the overall strain, A, of the orientational
strain, A, (O), and the extensional strain, \. (@), for isothermally-
crystallized PEEK

entanglements that occurred in the initial stage of the
deformation of amorphous PEEK has no significant
incidence on the subsequent deformation behaviour.

The variations with the overall strain, A, of the
orientational and extensional strains, A, and A, respec-
tively, are shown in Figure 10. Both contributions vary
almost linearly with the overall strain indicating that
plastic deformation involves a combination of contin-
uous mechanisms of chain unfolding and segment
orientation over the whole strain range due to the
physical crosslinking effect of the crystallites.

CONCLUSION

The Brown and Windle model is not suitable for
predicting the stress—strain—orientation behaviour of
PEEK under tensile drawing. However, its use is very
helpful for understanding the mechanisms of chain
unfolding along with strain. The main conclusions are
the following.

(1) The rigid structural units are shown to be of the
size of the statistical segment, i.e. a single repeat
unit. Their strong geometrical anisotropy (i.e.
aspect ratio close to 3) may be responsible for the

@

3)

Tensile drawing of PEEK: V. Bassigny et al.

strong orientational behaviour at the beginning of
drawing.

The evolution of the molecular weight between
entanglements of amorphous PEEK computed
from the model clearly shows a disentanglement of
the chains prior to the strain-induced crystallization
followed by an increase of the entanglement density
due to the gradual growth of crystallites.

In parallel, the model suggests that no significant
change in the entanglement density occurs for
crystalline PEEK, up to the strain range preceding
rupture, due to the initial pressure of crystallites.
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APPENDIX

The Brown and Windle approach of the uniaxial tensile
deformation of rubber networks is based on the
description of the orientation and position with respect
to the tensile axis of rigid structural units in terms of
Boltzman distributions for the calculations of the work
done by the applied stress for both rotating and
displacing these units®'. For doing this, the following
dimensionless variable has been introduced

q=ov/kT (A1)

where o is the true stress, v is the volume of the structural
unit, k is the Boltzman constant and 7T is the absolute
temperature.

A set of plots of the initial slope of the A versus ¢
relationship, i.e. (d)\/dg),, as a function of the initial
slope of the (P,) versus g relationship i.e. (d(P,)/dg),.
both predicted from the model, are drawn for various
values of the constraint parameter K. This is shown in
Figure 11. These plots have been computed numerically
because they cannot be represented by analytical
expressions’’. The relevant equations involved in the
calculations of the \ versus g function are the following

2m 13

o = T (I T o) I

(A2)

and
Ae=1/[(1/K) + (1 - 1/K)exp(~q)] ~ (A3)

where I, = [ sec?*"y dy between the limits ¢ = arccos m
and ¢ = arccos | = 0, and reminding that A = A, x A..

The calculations of the (P,) versus g function are based
on the relationships

(Py(cos B)) = 1/2(3(cos* ) — 1) (A4)
with
2
(cos*6) =5 x ]“—;2’% (AS)

Every curve of Figure Al is obtained by varying m at
constant K.

-]
o r K=40
E K=3.6
S | K=3.2
ol K=2.8
K=24
K=2.0
K=1.6
0.5¢
L L. L 1 J I L 1 L gl
0 (O] 0.2

" (d(Py)/dq),

Figure Al Predicted plots of the reciprocal initial slope (dA/dg),.
of the g = f()) function versus the initial slope (d(P,)/dq),, of the
(P,} = f(q) function, for various values of the constraint parameter K.
The intersecting straight line has a slope equal to the experimental value
(dX/d{P,)), = 0.078 (see the text for details)
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Figure A2 Variation curve of (d{P,)/dg), as a function of the aspect
ratio 1/m
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Figure A3 Variation curve of the maximum orientational strain, Ap>*,
as a function of the reciprocal aspect ratio, m

A straight line of gradient equal to the experimental
value of the reciprocal initial slope of the (P,) versus A
curve, ie. (dA/d(P,)),, is then drawn through the
previous set of curves. The intersection with every
curve corresponding to a particular value of K gives an
abscissa (d(P,)/dq), from which a value of the aspect
ratio, 1/m, is obtained graphically from Figure A2. This
latter figure relies on the sole dependence on m of the
(P,) versus ¢ function given above.

Using the aspect ratio value, the maximum orienta-
tional strain, Ag>", is derived from Figure A3 according
to the relationship

AT — 2 / [l + m72Ln <l—~;—3>} (A6)



Finally, A™* assessed from the product Ag®* x K is

compared with the experimental maximum strain. By
successive adjustments of K, the whole procedure is
performed until agreement between the predicted and the
experimental values of A™* for the final determination of
1/m and A3

Tensile drawing of PEEK. V. Bassigny et al.

Finally, plotting the stress—strain and orientation—
strain curves has been made by using the specific data for
the present study of PEEK, namely the temperature
of drawing, i.e. 160°C, and the volume of the structural
unit which is close to that of a monomer unit, i.e. V =
0.60 nm> (see equation (8)).
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